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1. Introduction

In metastable austenitic stainless steels, strain-induced 
martensitic transformation during plastic deformation 
enhances work hardening of the material, increasing its 
strength and in some cases also ductility.1,2) The presence of 
α’-martensite, however, may increase the susceptibility of 
these materials to hydrogen embrittlement phenomena, for 
example delayed cracking.3–6) Delayed cracking can occur 
in metastable austenitic stainless steels after forming opera-
tions like deep drawing. Cracks may appear in successfully 
formed components after hours, days or even weeks from 
forming. Delayed cracking is related to coexistence of 
internal hydrogen, strain-induced α’-martensite and tensile 
residual stresses. The initiation and advance of cracks is 
controlled by hydrogen diffusion to regions of high tensile 
stress. Small average concentration of hydrogen absorbed in 
the material during its manufacturing process is sufficient 
to cause delayed cracking.7) Hydrogen may enter steel from 
water contained in the raw materials or in the furnace gases, 
during pickling in mineral acids or cathodic electrolytical 
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cleaning, or during bright annealing.
The sensitivity of austenitic stainless steels to delayed 

cracking and hydrogen embrittlement phenomena is gener-
ally considered to be a function of austenite stability: the 
larger the strain-induced α’-martensite content the higher 
the risk for fracture.6,8) Strain-induced α’-martensite pro-
vides a fast diffusion path for hydrogen, because hydrogen 
diffusivity in bcc α’-martensite is considerably, even up to 
eight orders of magnitude, greater than in fcc austenite.9) 
Hydrogen solubility in the martensite is, however, low so 
that hydrogen tends to gather in the phase boundary between 
martensite and austenite making delayed cracking easier.8) 
Martensitic transformation also substantially increases 
residual stresses in a formed material.10) The volume dilation 
and lattice distortion associated in martensitic transforma-
tion cause local strain fields and therefore create varying 
internal stresses in both the austenite and α’-martensite 
phase.8,11) Differences in the mechanical properties of the 
phases cause stress and strain partition, and large strength 
differences between constituent phases lead to high stress 
ratio.12) Strain-induced α’-martensite phase having bcc 
crystal structure, higher dislocation density, hardness and 
yield strength, has higher stress level than austenite phase 
and it is more sensitive to the embrittling effect of hydrogen.
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Alloying elements of austenitic stainless steels affect 
the stability of austenite against strain-induced martensitic 
transformation. Nickel, manganese, nitrogen, carbon and 
copper are acting as austenite stabilizers. Alloying affects 
both the volume fraction of strain-induced α’-martensite 
and also its properties. Carbon and nitrogen, in particular, 
increase the hardness and brittleness of α’-martensite and 
low nickel content has a similar effect.3,13) Nickel generally 
increases toughness and improves formability of stainless 
steels. Nickel also plays an important role in deformation 
processes that affect hydrogen-assisted fracture, as it pro-
motes cross slip and reduces slip planarity.9,14) Susceptibility 
of austenitic stainless steel to internal hydrogen embrittle-
ment has been shown to be strongly dependent on the nickel 
content.15)

Dissolved hydrogen in stainless steels enhances disloca-
tion mobility and slip planarity, leading to heterogeneously 
localized plastic strain and stress concentrations. According 
to some published studies, nitrogen similarly enhances the 
mobility of dislocations and localized plasticity, whereas 
carbon decreases them.16,17) The different behaviour is con-
trolled by the electronic structure.

Delayed cracking is a time-dependent hydrogen redistri-
bution process driven by stress.18) Parameters of hydrogen 
transport, e.g. diffusivity and permeability, in stainless steels 
at room temperature have been found to be relatively insen-
sitive to chemical composition.19–21) Hydrogen in steel may 
reside either at interstitial lattice sites or it can be trapped 
at various microstructural defects, such as dislocations, 
grain boundaries, vacancies, inclusions, voids, interfaces or 
impurity atoms.22,23) Additionally, in multi-phase materials 
phase transformations cause distortions in the crystal lattice 
that are potential hydrogen trapping sites.24) It has been 
suggested, that the hydrogen concentration may not be a 
decisive factor in hydrogen embrittlement, but deformation-
induced defects and vacancies play the primary role.25)

In this study, delayed cracking of austenitic stainless 
steels 301, 301LN and 304 after deep drawing Swift cup 
testing was examined. Detailed characterization of the Swift 
cups was performed using X-ray diffraction, Ferritescope, 
nanoindentation, FEG-SEM and EBSD. The materials were 
tested in as-produced condition without hydrogen charging. 
The aim was to clarify the effect of alloying on stability 
of austenite, on mechanical properties of strain-induced 
α’-martensite, on residual stresses and susceptibility to 
delayed cracking.

2. Experimental

Three austenitic stainless steels 301, 301LN and 304 were 
studied. The surface finish of the test materials was 2B: cold 
rolled, annealed, pickled and skin passed. Their chemical 

compositions are shown in Table 1. Hydrogen contents of 
the test materials, analysed with melt extraction using Leco 
TCH 600 NOH equipment, are also shown in Table 1. This 
is the content of internal hydrogen present in the materials 
in as-produced state.

The mechanical properties of the materials and the 
average grain sizes defined by linear intercept method, 
are shown in Table 2. Stainless steel 304 has lower yield 
and tensile strength but higher elongation in comparison 
to 301 and 301LN. Plastic strain ratio or anisotropy factor 
(r-value), which is a basic index of formability of sheet 
metals, of the test materials was measured by tensile test-
ing at 0°, 45° and 90° to rolling direction of the sheets. 
Uniform tensile straining to 20% elongation was conducted 
at a constant strain rate of 3×10 −4 s −1 with MTS Insight 
30 kN electromechanical tensile tester and a MTS clip-on 
extensometer. After unloading the specimens, the r-values 
were calculated using Eq. (1):
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Where w0 and t0 are the initial width and thickness of 
the gauge and wf and tf the width and thickness after tensile 
straining.

Swift cup tests were carried out with Erichsen 142/40 
equipment. Laser cut circular steel blanks were deep drawn 
into cups by a flat-bottomed cylindrical punch with 50 mm 
diameter. Blanks of varying diameter were used, producing 
drawing ratios from 1.6 to 2.12. Novacel lubricant and blank 
holder force of 25 kN were used. The tests were made at 
room temperature. Volume fraction of ferromagnetic phase 
in the Swift cups was determined using a Ferritescope 
(Fischer MP3C), measuring relative magnetic permeability. 
The measured values of ferromagnetic phase content were 
converted to α’-martensite contents with a correlation factor 
of 1.7.26) Effect of sheet thickness and specimen curvature 
on the results was compensated by means of correction 

Table 1. Chemical composition of the test materials in weight percentage (except hydrogen in wppm).

Grade C Cr Ni Mn Si Cu Mo N P S Fe H

301 0.093 16.7 6.4 1.22 1.12 0.25 0.67 0.074 0.024 0.001 bal 2.5 ±  0.35

301LN 0.030 17.4 6.6 1.23 0.50 0.17 0.19 0.168 0.028 0.001 bal 2.2 ±  0.12

304 0.049 18.2 8.2 1.49 0.43 0.43 0.13 0.047 0.032 0.002 bal 2.7 ±  0.14

Table 2. Mechanical properties and grain size of the test materi-
als: yield strength (Rp0.2), ultimate tensile strength (Rm), 
uniform elongation (Ag) and elongation to fracture (A80), 
tested at strain rate 3×10 − 4 s −1.

Grade Rp0.2 (MPa) Rm (MPa) Ag (%) A80 (%) Grain size 
(μm)

301 370 823 49.5 54 13.1

301LN 374 764 48.2 52 15.1

304 313 651 50.8 56 12.7
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curves provided by the device manufacturer. The effect of 
residual stress on the magnetic properties (Villari effect) 
was taken into account by correction factors experimentally 
defined for each material.10)

Residual stresses in deep-drawn cups were measured with 
X-ray diffraction, by the sin2Ψ (multi-angle) method, using 
XStress3000 diffractometer. The measurements were done 
separately for each phase, employing Cr-Kα -radiation for 
the α’-martensite phase and Mn-Kα -radiation for the aus-
tenite phase. The collimator used was 3 mm in diameter. 
The peak middle positions were determined by the peak 
fit (Pearson VII) method. Tangential residual stresses were 
considered the most significant ones because delayed cracks 
propagate vertically down the Swift cup walls. Residual 
stress profiles were measured along the cup walls, from the 
outer surface of the cups.

Mechanical properties of austenite and α’-martensite 
were measured by nanoindentation. Specimens for nanoin-
dentation measurements were cut from deep drawn cups 
with drawing ratio of 2.0, at a distance of 10 mm from 
the upper edge of the cups. Specimen preparation was 
done by first grinding the specimen surface with SiC water 
grinding papers up to 2 400 grit with Struers LaboPol-21 
equipment, then polishing the surface with 3 μm, 1 μm and 
¼ μm diamond pastes, and finally polishing with Buehler 
VibraMet2 vibratory polisher in a colloidal silica polish-
ing suspension for 5 h. Nanoindentation experiments were 
performed using a CSM instrumented indentation tester. A 
three-sided pyramidal Berkovich diamond indenter tip with 
nominal angle of 65.3° was employed. Analyses for the 
calculation of hardness were conducted by the method used 
by Oliver and Pharr.27) The applied maximum force was 
1.5 mN, which produced an average indentation depth of 
100 nm. A constant loading rate of 10 mN/min was used. 
Holding time at the maximum load was 15 s and unloading 
rate was 10 mN/min. A minimum of 500 nanoindentations 
were performed for each test material as arrays with inden-
tation spacing interval of 5 μm. Based on examination of 
the indented area with optical microscope and SEM/EBSD, 
the representative indentations of each phase were selected. 
Indentations located close to grain or phase boundaries were 
ignored, as well as unsuccessful indentations with anomalies 
in the shape of the load-displacement curve.

Fracture surfaces of delayed cracks in the deep drawn 
Swift cups were examined with Zeiss Ultra 55 field emission 
gun scanning electron microscope (FEG-SEM). Electron 
backscattering diffraction (EBSD) examination for identi-
fying the phases present in the location of nanoindentation 
measurements and for characterizing the microstructure 
in the vicinity of cracks in the Swift cups were done with 
Zeiss Merlin Compact VP FEG-SEM equipped with a 
Bruker e-FlashHR high resolution EBSD camera. Bruker‘s 
QUANTAX CrystAlign EBSD analysis system was used 
for data acquisition and analysis. Specimen preparation for 
EBSD measurements was done by first grinding the speci-
men surface with SiC water grinding papers up to 2 400 
grit with Struers LaboPol-21 equipment, then polishing the 
surface with 3 μm, 1 μm and ¼ μm diamond pastes, and 
finally polishing with Buehler VibraMet2 vibratory polisher 
in a colloidal silica polishing suspension for 5 h.

3. Results and Discussion

The Swift cups of each test material with drawing ratio 
ranging from 1.6 to 2.12 were all successfully drawn, with-
out tearing near the punch radius or other typical defects. 
There was only slight earing observed at the cup edges. 
The measured r-values, or plastic strain ratios, of the test 
materials are presented in Table 3, together with calculated 
planar anisotropy parameters Δr. The r-values for all the 
test materials are close to 1, which indicates low anisotropy.

In some of the Swift cups, delayed fractures appeared 
after days or weeks from the drawing operation. Deep drawn 
Swift cups of stainless steel 301 with several drawing ratios 
are presented in Fig. 1. Delayed cracks initiated at the upper 
edge and propagated vertically down the cup walls. First 
cracks in the cups often appeared in the rolling direction of 
the original sheet. The limiting drawing ratios for delayed 
cracking (LDR-DC), i.e. the largest drawing ratios without 
occurrence of delayed cracking, were 1.8 for steel 301 and 
2.1 for steel 301LN. Steel 304 did not suffer from delayed 
cracking even at the highest applied drawing ratio 2.12. 
Most of the cups of 301LN at drawing ratio 2.12 did not 
show any cracking either. The criterion for the LDR-DC 
was no cracks observed in any of the parallel cups at that 
drawing ratio during 1 500 hours after the forming process. 
According to the tests, the susceptibility of 301 steel to 
delayed cracking is considerably higher than that of the 
other test materials. The initiation time of the cracks after 
the drawing process varied from 15 to 240 hours, in the cups 
of 301 at drawing ratios from 2.12 to 1.9, respectively. In 
301L, the first crack in DR 2.12 cup initiated 270 hours after 
the deep drawing.

Strain-induced α’-martensite profiles measured from 
the side walls of Swift cups at drawing ratio 2.0, in the 
rolling direction of the original sheet, are shown in Fig. 
2. α’-martensite volume fraction rises along the wall 
towards the cup upper edge, reflecting the distribution of 
cumulated plastic strain in the cup wall. The stability of 
austenite is highest in 304, the maximum volume fraction 
of α’-martensite being 0.45, as the corresponding values 
are 0.64 for 301 and 0.68 for 301LN. The volume fraction 
of α’-martensite did not directly correlate with the sus-

Table 3. Measured r-values for the test materials in different ten-
sile directions.

Grade r (0° to RD) r (45° to RD) r (90° to RD) Δr

301 0.99 1.19 0.95 −0.22

301LN 1.12 1.10 1.04 −0.01

304 0.88 1.19 1.09 −0.20

Fig. 1. Swift cups of stainless steel 301 at drawing ratios 1.8, 1.9, 
2.0 and 2.12.
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ceptibility to delayed cracking: stainless steel 301LN was 
quite resistant regardless of its high α’-martensite content. 
Hydrogen content was slightly lower in 301LN (2.2 wppm) 
in comparison to 304 (2.7 wppm) and 301 (2.5 wppm).

During the deep drawing operation, residual stresses are 
introduced in metastable stainless steels due to inhomoge-
neous distribution of plastic strain and due to martensitic 
transformation. According to our earlier study, residual 
stresses in Swift cups of a stable austenitic stainless steel 
were markedly lower.10) Tangential residual stresses in 
α’-martensite and austenite phases of the test materials, 
measured with X-ray diffraction from the Swift cups at 
drawing ratio 1.8, are presented in Figs. 3(a)–3(c). Volume 
fraction of α’-martensite along the cup wall is also pre-
sented. All the residual stresses measured from the outer 
surfaces of the cups were tensile. Residual stresses were the 
highest in the rolling direction of the original sheet. Stress 
maximum was located at about 50–60% of cup wall height. 
Residual stress was considerably higher in α’-martensite 
phase than in austenite. The magnitude of residual stresses 
in both phases was the highest in steel 301. The maximum 
stress in α’-martensite phase of the cups at DR 1.8 was 
860 MPa in 301, 745 MPa in 301LN and 675 MPa in 304.

The magnitude of the tangential residual stresses in each 
test material depended on the drawing ratio, increasing 
with the amount of deformation and α’-martensite content. 
Because of several cracks in the cups of 301 at drawing 
ratios higher than 1.8, there had been relaxation of residual 
stresses, and measurement would not have been reason-
able. The maximum tensile residual stress measured from 
α’-martensite phase of DR 2.1 Swift cup of 301LN was 
865 MPa. This was the LDR-DC cup of 301LN not suf-
fering of delayed cracking. The maximum α’-martensite 
volume fraction in this cup was 0.70. The maximum tensile 
residual stress in α’-martensite phase of DR 2.12 Swift cup 
of 304, with no delayed cracking, was 690 MPa. The maxi-
mum α’-martensite volume fraction in this cup was 0.50.

Deep drawing of circular cups can be viewed as two pro-
cesses; stretching the metal sheet over a circular punch and 
drawing the flange inwards. Residual stresses introduced to 
the deep drawn cups have been shown by FEM simulations 
to be mainly caused by the unbending of the material when 
it leaves the draw die profile.28,29) The maximum of tensile 
residual stress is located at the middle part and in the outer 
surface of the cup wall. At the upper edge there is a free 

end without unbending, and the decrease of residual stresses 
in the cup wall towards the upper edge can be attributed 
to partial ironing occurring at the final stage of drawing.30)

Presence of α’-martensite affects the magnitude of resid-
ual stresses in a formed material. The lower α’-martensite 
content in 304 may be partly responsible for the lower 
level of residual stresses in comparison to 301LN and 301. 

Fig. 2. α’-martensite profiles in Swift cups of 301, 301LN and 304 
at DR 2.0.

Fig. 3. Tangential residual stresses in α’-martensite and austenite 
phases in Swift cups of 301 (a), 301LN (b) and 304 (c) at 
drawing ratio 1.8.
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However, residual stress state of a material also depends on 
its dislocation density and hardness. High dislocation den-
sity induced by plastic deformation results in high residual 
stresses in cold-worked materials.31)

Plastic deformation causes broadening of the X-ray dif-
fraction peaks due to the presence of crystal defects, such 
as dislocations. The full width at half maximum intensity 
(FWHM) of the measured X-ray diffraction peaks, indi-
cating the distribution of plastic strain and the associated 
dislocation density in the cups, is presented in Fig. 4(a) for 
304 (DR 2.12) and in Fig. 4(b) for 301LN (DR 2.1). FWHM 
of the diffraction peaks measured from the austenite phase 
increases continuously as a function of cup wall height. 
Instead, FWHM values measured from the α’-martensite 
phase show a more shallow gradient, and reach a maximum 

at about 60% of cup height.
Nanoindentation was applied for determination of the 

indentation hardness of austenite and α’-martensite in the 
deep drawn cup walls (at DR 2.0). An optical micrograph 
of a nanoindentation matrix measured on steel 304 is shown 
in Fig. 5(a). Martensite phase is shown as dark grey areas 
and the light grey areas represent austenite. An EBSD phase 
map over the same studied area is presented in Fig. 5(b). 
Martensite phase is marked with blue color and austenite 
with red.

The results of nanoindentation measurements, i.e. the 
average values of the successful and representative indenta-
tions on both phases, for each test material are presented 
in Table 4. The indentation hardness of both phases is 
highest in steel 301 and lowest in steel 304. Variation of 
indentation hardness between the three materials is largest 
in α’-martensite phase. Hardness of martensite in steels is 
generally controlled by the interstitial elements carbon and 
nitrogen, the latter being stronger solid solution strength-
ener.32) High carbon content is largely responsible for the 
high indentation hardness of 301. Steel 301LN has the 
lowest carbon content, but higher nitrogen content contrib-
utes to its hardness. Nickel content is highest and nitrogen 
content the lowest in grade 304, which has the lowest hard-
ness values. There seems to be a correlation between the 
hardness and residual stresses in both α’-martensite and 
austenite phases: the higher the indentation hardness the 
higher the residual stress.

The indentation hardness of the austenitic base material 
in as-supplied state was between 4.85–5.20 GPa for all the 
test materials. The hardness of austenite had increased dur-
ing deep drawing as a response to plastic deformation and 
increased dislocation density.

Standard deviation of the nanoindentation results is 
presented in Table 4. In nanoindentation, the measurement 
parameters, applied load in particular, must be carefully 
chosen. This is especially important in metastable materials 
where stress/strain-induced phase transformations can take 
place under the indent.33–35) Additionally, dependence of 

Fig. 4. Full width of diffraction peak at half maximum intensity 
(FWHM) as a function of cup height in (a) 304 DR 2.12 
and (b) 301LN DR 2.1.

Fig. 5. An optical micrograph of a nanoindentation matrix measured on stainless steel 304 (a) and an EBSD phase map 
over the same specimen area (b).

Table 4. Measured indentation hardness of α’-martensite and 
austenite phases.

301 301LN 304

HIT of α’-martensite (GPa) 8.27 ±  0.54 7.46 ±  0.42 7.04 ±  0.59

HIT of austenite (GPa) 5.80 ±  0.66 5.64 ±  0.34 5.56 ±  0.44
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indentation hardness on grain orientation causes variation 
in the measured phase properties,36,37) which may in part 
explain the detected variation in the results.

Typical fractography of cracks in 301 and 301LN cups at 
drawing ratio 2.12 is presented in Fig. 6. Fracture appear-
ance in both materials was predominantly transgranular 
quasi-cleavage type, with varying areas of transgranular 
cleavage along the martensitic stucture and ductile fracture.

In Fig. 7 EBSD phase maps along the crack path (a) and 
in the close vicinity of the crack wake (b) in a Swift cup 
of 301 steel at drawing ratio 2.0 are presented. The average 
bulk α’-martensite content in the examined area was about 
60%. In Figs. 7(c)–7(d) SEM image and an EBSD phase 
map in the crack tip area in a Swift cup of 301 steel at draw-
ing ratio 2.0 are presented. Austenite phase is colored with 
red and α’-martensite with blue.

According to EBSD investigation, microstructure in the 
close vicinity of the crack wakes and ahead of the crack 
tips consisted mostly of α’-martensite. This indicates that 
localized transformation of austenite to α’-martensite occurs 
ahead of the crack as a response to intense plastic strain, 
and the crack propagates along α’-martensite phase. Similar 
observations have been reported in hydrogen embrittlement 
studies of stainless steels38,39) and also in investigations on 
the effect of hydrogen on fatigue crack growth in austenitic 

stainless steels.40,41) Delayed cracking initiation and propa-
gation involves hydrogen diffusion along α’-martensite 
phase. Bulk α’-martensite content affects the rate of hydro-
gen diffusion from the surrounding material to the crack tip. 
Hydrogen accumulates at the crack tip area under the influ-
ence of hydrostatic stress that dilates the lattice. Addition-
ally, the intense plastic straining at the crack tip area results 
in martensitic transformation and high dislocation density, 
which enhances hydrogen entry and trapping in the region.42) 
Increase in the amount of dissolved hydrogen decreases the 
stacking fault energy of austenite and in turn increases the 
volume fraction of strain-induced α’-martensite.3,43)

4. Conclusions

In as-produced state with <  3 wppm hydrogen, austenitic 
stainless steel 304 did not suffer from delayed cracking 
after deep drawing. This may be attributed to its high nickel 
content, as nickel stabilizes austenite and increases tough-
ness of the material. No delayed cracking was observed 
even at the highest drawing ratio or 2.12, regardless of the 
presence of 0.50 volume fraction of α’-martensite. Stainless 
steel 301LN was quite resistant against delayed cracking as 
well, regardless of lower austenite stability and maximum 
α’-martensite volume fraction of 0.70, presumably because 

Fig. 6. Typical fracture surfaces in the Swift cups of 301 (a) and 301LN (b) at DR 2.12.

Fig. 7. EBSD phase maps along crack path (a) and in the close vicinity of crack wake (b) in a Swift cup of 301 steel at 
DR 2.0. SEM image of crack tip (c) and EBSD phase map of the same area (d).
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the low carbon content compensates for the effect of lower 
nickel content. On the contrary, steel 301 was highly sus-
ceptible to delayed cracking. Although the presence of 
α’-martensite is necessary for delayed cracking to occur,10) 
there was no direct correlation between the volume fraction 
of α’-martensite and cracking susceptibility.

During deep drawing, substantial residual stresses were 
introduced in the studied stainless steels due to inhomoge-
neous distribution of plastic strain and the martensitic trans-
formation. Residual stresses were higher in α’-martensite 
phase than in austenite. The magnitude of tangential 
residual stresses in each test material depended on the draw-
ing ratio, increasing with the amount of deformation and 
α’-martensite content. Additionally, the residual stress state 
of a material also depends on its dislocation density and 
hardness. A correlation was found between the indentation 
hardness of the phases and their residual stresses. Alloying 
elements affect both austenite stability and mechanical prop-
erties of the material, and thereby its residual stress state.

Residual stresses have an important role in delayed crack-
ing. First cracks in the cups often appeared in the rolling 
direction of the original sheet, where the residual stresses 
were highest. The magnitude of residual stresses was high-
est in stainless steel 301, the most susceptible test material. 
Differences in sheet anisotropy were small between the test 
materials, and do not explain the differences in delayed 
cracking susceptibility.

Fracture mechanism was mainly transgranular quasi-
cleavage and according to EBSD investigation cracks 
propagated along α’-martensite phase. The presence of 
α’-martensite lowers the resistance of austenitic stainless 
steels to delayed cracking by increasing the residual stresses 
in a formed material, by enhancing hydrogen diffusion, 
and because of its inherently high sensitivity to hydrogen 
embrittlement.
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